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The details of structure modification on α2/γ interface induced by deformation in a
hot-deformed Ti-45Al-10Nb alloy were investigated by conventional and high-resolution
transmission electron microscopy. A new type of dislocation ledge containing 1/3[111]
partials was identified. The Burgers vectors of these dislocation ledges were determined to
be 1/2[110] or 1/2〈101]. The formation mechanism of this new type of dislocation ledge is
discussed. Also, two types of hot deformation induced α2/γ interfaces, coherent interfaces
with high density of ledges and misoriented semi-coherent α2/γ interfacial boundaries
were observed. For the misoriented semi-coherent α2/γ interfaces, the density of
dislocation ledges in these interfaces increases with the misoriented angle between the
(111)γ and (0001)α2 planes, and 1/3[111] partial dislocations were involved in all the
dislocation ledges. The formation mechanism of these deformation-induced α2/γ interfaces
were discussed related to the role of α2/γ interfaces adjusting the deformation as a
dislocation sink absorbing the slipping dislocations in the γ phase. Moreover, misoriented
semi-coherent α2/γ interface related deformation twinning and structure transformation
induced by deformation were analyzed and discussed related to the role of α2/γ interfaces
as a dislocation source during deformation. C© 2000 Kluwer Academic Publishers

1. Introduction
Considerable attention has been focused on two-phase
(TiAl + Ti3Al) intermetallic alloys for application
in the aerospace industry because the two-phase mi-
crostructure in Ti-rich alloys consisting of primary
TiAl( γ ) phase and lamellar Ti3Al(α2)+TiAl structure
can significantly improve the room-temperature duc-
tility [1–3]. Several mechanisms have been put for-
ward to account for this improvement in ductility [4].
Factors such as the gettering of interstitial impurities
by α2-phase, the increased mobility of 1/2〈110] and
1/6〈112̄] dislocations in TiAl in the presence of Ti3Al
phase, the fineness of the microstructure, and the uni-
form deformation of the lamellar structure are believed
to contribute to enhanced ductility. It is now well known
that the two-phase lamellar structure can be signifi-
cantly modified by thermomechanical and heat treat-
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ments; so the relationships between microstructure and
mechanical properties are now being evaluated by many
research groups in order to obtain further improvement
[4–7].

In the two-phase TiAl alloys, the orientation
relationships between neighboringα2-Ti3Al and
γ -TiAl lamellae are well defined as (0001)α2//{111}γ
and 〈112̄0〉α2//〈110〉γ with the interface plane
(0001)α2//〈111〉γ [8]. Some attention was paid to
the study of these interfaces. For example, Kawabata,
Tdano and Izumi [9] observed slip along Ti3Al/TiAl in-
terfaces, Hall and Huang [1] found a high density of dis-
locations in the interfaces, and Huang and Hall [10] also
pointed out that numerous interfaces enhance or allow
deformation of the transformed Ti3Al +TiAl lamellae.

More intensive studies on the lamellar interfaces
through transmission electron microscopy (TEM) have
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been carried out [11–16]. While some differences
existed in the results given by these authors, a com-
mon conclusion obtained was that the TiAl/Ti3Al in-
terfaces contained closely spaced (<50 nm) interfacial
dislocations. The Burgers vectors, line direction and
spacing of these dislocations were determined to be
controlled by the misfit of the interfaces. It is suggested
that the glide of the interfacial dislocations at lower
temperatures as well as the migration of the interfaces
at high temperatures play a significant role in improv-
ing the ductility of the two-phase alloy [16]. Theα2/γ

interfaces in two-phase (γ + α2) titanium aluminides
were also investigated by many workers through high
resolution transmission electron microscopy (HREM)
[17–30], the main finding is the ledge structure existing
at the interfaces. Most of the authors found Burgers vec-
tors 1/6〈112̄〉 dislocations associated with two atomic
plane ledges. Meanwhile, four atomic plane ledges are
also observed in TiAl/Ti3Al alloy [24]. Two types of
partial dislocation ledges, 90◦ and 30◦ 1/6〈112̄〉 partial
dislocation ledges, have been reported [29]. It is re-
alized thatα2/γ interfaces were structurally coherent
between dislocation ledges and chemically discontinu-
ous across the interface.

Ti-45Al-10Nb is a high performance alloy with ex-
cellent high temperature strength and oxidation resis-
tance [31]. As a part of our systematic continual re-
searches on the deformation induced microstructures
and phase transitions in Ti-Al-Nb ternary intermetal-
lic alloys [31–40]. This paper reports high-resolution
transmission electron microscopy (HREM) observa-
tions of the deformation-inducedα2/γ interfacial struc-
tures in a hot-deformed Ti-45Al-10Nb alloy.

2. Experimental procedure
Alloy Ti-45Al-10Nb (in at %) ingot was prepared by
non-consumable electrode arc-melting in a purified
argon atmosphere. The as-cast ingot was wrapped in

Figure 1 X-ray diffraction pattern of the hot-deformed Ti-45Al-10Nb alloy.

steel foil and annealed at 1250◦C for 30 min, followed
by quasi-isothermal forging to more than 40% reduc-
tion. The temperature of the forge hammer was 1050◦C
and the forging speed was about 5× 10−1 s−1. The
forged ingot was cooled to room temperature in air.

Conventional transmission electron microscope
(TEM) observations and high resolution transmission
electron microscope (HREM) investigations were per-
formed on the forged material. TEM foils were prepared
by either twin jet polishing or ion-milling. Diffrac-
tion studies and microstructure observations were con-
ducted using JEOL-200CX or Philip 420. HREM was
performed in a JEOL-2000EXII electron microscope
operating at 200 kV with a spherical aberration coeffi-
cient of 0.7 mm. Interfaces in the samples were exam-
ined in either〈1̄10] or〈1̄01] orientations with theα2/γ

interfaces edge on.

3. Results
3.1. Microstructure of the forged alloy
Fig. 1 shows the X-ray diffraction (XRD) results of the
quasi-isothermal forged Ti-45Al-10Nb alloy. It can be
clearly seen that the phases available in the alloy are
γ -TiAl and α2-Ti3Al, no β or B2 phases are found.
Due to the fact that Nb atoms added to TiAl or Ti3Al
as substitution atoms occupying preferentially on the
Ti sublattice [41], we can analyze the phase constitu-
tion and microstructure of the Ti-45Al-10Nb alloy ap-
proximately using the binary Ti-Al phase diagram. The
quasi-isothermal forging temperature is in the range of
1050–1200◦C, it is close to the eutectoid temperature.
Such hot-working generally results in a nearly lamellar
microstructure. The lamellar structure is deformed and
is simultaneously dynamically recovered or partially
recrystallized. Dynamic recrystallization of deformed
lamellar structure has been found to occur preserving
its lamellar morphology (see Fig. 2). The effects of
hot-deformation on the structure of theα2/γ interface
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Figure 2 Optical microstructure of the hot-deformed Ti-45Al-10Nb
alloy.

and the characteristics of the interfacial partial disloca-
tions are analyzed by using HREM as described in the
followings.

3.2. Characteristics of ledge dislocations
at the α2/γ interface

Figs 3a and b show twoγB/α2 interfaces which are
indicated as interfaces I and II respectively, because

Figure 3 HREM images of ledges atγ /α2 interfaces with 1/6〈112̄〉 partial dislocations (a) 90◦ (edge) 1/6〈112̄〉 partial, (b) 30◦ (screw) 1/6〈112̄〉
partial, (c) and (d) schematic atomic arrangement at the ledges of A and B shown in (a) and (b) respectively. In (c) and (d) two Burgers circuit are
also shown that can be used to distinguish 90◦ and 30◦ 1/6〈112̄〉 partial dislocations respectively. S1 and S2 indicate the start of the 90◦ (edge) and
30◦ (screw) Burgers circuits, respectively, while F indicate the finish of the circuits.

the orientation relationships of (0001)α2//{111}γ and
〈112̄0〉α2//〈110〉γ could give rise to six possible orien-
tation variants of〈110〉γ with respect to〈112̄0〉α2 [11],
here the symbolsγA, γB, γC, γD, γE andγF are used to
distinguish the sixγ variants with [̄110], [11̄0], [101̄],
[1̄01], [01̄1], [011̄] orientation respectively [42–45].
Ledges with two atomic plane (111)γ or (0001)α2 high
were observed in both interfaces and two such ledges
are indicated by A and B in the interfaces I and II respec-
tively. Following the analysis procedures for drawing
the Burgers circuits described by Howeet al. [46], two
different types of Burgers circuit that can be used to
distinguish between 90◦ and 30◦ 1/6〈112̄〉 partial dis-
location ledges are illustrated in Figs 3c and d for ledges
A and B respectively. The characteristics of ledge dis-
locations in ledges A and B can be determined to be
90◦ and 30◦ 1/6〈112̄〉 dislocation ledges. The Burgers
vector of the 90◦ 1/6〈112̄〉 partial dislocation lies per-
pendicular to the [1̄10] electron beam direction with
1/6[112̄], whereas for the 30◦ 1/6〈112̄〉 partial dislo-
cation the Burgers vector lies at an angle of 30◦ to the
electron beam and is either 1/6[2̄11] or 1/6[12̄1]. The
sharpness of the bright dots which lie on the atomic
columns seems to indicate that the 30◦ partial disloca-
tion core is localized, whereas the core of 90◦ partial
dislocation appears highly delocalized or diffuse. The
diffuseness of the 90◦ partial dislocation core may be
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Figure 4 HREM images of ledges atγ /α2 interfaces with 1/3[111]+1/6〈112̄〉 partial dislocations (a) 90◦ (edge) 1/6〈112̄〉 partial+1/3[111] partial,
(b) 30◦ (screw) 1/6〈112̄〉 partial+1/3[111] partial, (c) and (d) schematic atomic arrangement at the ledges of C and D shown in (a) and (b) respectively.
In (c) and (d) two Burgers circuits are also shown that can be used to distinguish 90◦ and 30◦ 1/6〈112̄〉 partial dislocations respectively. S3 and S4

indicate the start of the 90◦ (edge) and 30◦ (screw) Burgers circuits, respectively, while F indicates the finish of the circuits.

due to the presence of a high density of kinks along
the ledge as a result of growth-induced deviation of the
ledge away from the exact{110} orientation [29].

Fig. 4 also showsγD/α2 andγB/α2 interfaces which
are indicated as interfaces III and IV, respectively.
Ledges that were three atomic plane (111)γ or (0001)α2
high were observed in both interfaces and two such
ledges are indicated by C and D in the interfaces III
and IV respectively. Figs 4c and d illustrate the two dif-
ferent types of Burgers circuit for ledges C and D using
the drawing methods of 90◦ and 30◦ 1/6〈112̄〉 partial
dislocation ledges respectively. Both Burgers circuits
lead to a closure failure. However, it is important to
note that the finishing points of these two circuits do
not locate at the same (111) plane as the start of the
circuits, which is different from the situation in Figs 3c
and d. Considering that not all the projected atom posi-
tions in these〈110〉//〈112̄0〉 models are coplanar, i.e.
every other atom actually lies in a plane which is slightly
above or below the plane of the figure, as can be seen
by examining a〈110〉 L10 lattice, the Burgers vectors
of dislocation ledges C and D can be determined to be
1/2〈101]. Furthermore, it can be seen clearly from the
HREM images that evident differences exist between
ledges C, D and ledges A, B. An extra half atomic plane
exists in the ledges C and D. This means the there is a

1/3[111] partial dislocation at the ledge. So the charac-
teristics of ledge dislocations in ledges C and D can be
both considered as: 1/6[12̄1]+ 1/3[111]= 1/2[101].
For ledge C, the partial dislocation 1/6[12̄1] lies per-
pendicular to the beam direction [1̄01], it is a 90◦ dis-
location. For ledge D, the partial dislocation 1/6[12̄1]
lies at an angle of 30◦ to the beam direction [1̄10], it is a
30◦ dislocation. Thus the characteristics of whole ledge
dislocations in ledges C and D are 90◦ 1/6〈112̄〉 dislo-
cation+ 1/3[111] partial dislocation and 30◦ 1/6〈112̄〉
dislocation+ 1/3[111] partial dislocation respectively.
Figs 4c and d illustrate the stacking sequences of the
α2-Ti3Al andγ -TiAl at the interface resulting from the
ledge dislocations C and D respectively.

It can also be seen from Fig. 4 that the 1/6〈112̄〉 par-
tial dislocation and the 1/3[111] partial dislocation do
not lie at the same (111) plane, the 1/6〈112̄〉 partial al-
ters the interfacial plane from A to C stacking sequence,
the 1/3[111] partial lies one plane above this plane. The
1/3[111] partial is always in theγ phase.

3.3. Deformation-induced changes
in coherent α2/γ interfaces

As mentioned above, since the〈1̄10]γ and〈01̄1]γ di-
rections in theγ phase with L10 tetragonal structure
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Figure 5 HREM images of the typical coherentα2/γ interfaces under the quasi-isothermal forged state. (a) and (b) areγB/α2 andγC/α2 interfaces
respectively.

are not equivalent,α2/γ interfaces may have two
categories from the morphology, i.e.γA/α2, γB/α2
(〈1̄10]γ //〈112̄0〉α2) and γC/α2, γD/α2 (〈1̄01]γ //
〈112̄0〉α2). Typical structure of the coherentα2/γ inter-
faces under the quasi-isothermal forged state observed
by HREM is shown in Fig. 5, where (a) and (b) are
γB/α2 andγC/α2 interfaces respectively. These inter-
faces are atomically flat and coherent between ledges.
The ledges are always two atomic planes (111)γ high.
Very dark contrast in the head of the ledges reveals
that high stress exists at the ledges in the interface. The
mean distance between ledges is less than 10 nm. Com-
pared with theα2/γ interfaces observed in the annealed
alloys [18, 19, 21], we can find that:

(1) the hot deformation-induced ledges in theα2/γ

interfaces have similar height (two atomic planes) with
the growth ledges in the annealed alloys.

(2) deformation stress at the hot deformation-
induced ledges is higher than the misfit stress in the
annealed alloys, it is difficult for the ledges to be clearly
imaged in HREM for the hot-worked alloys.

(3) the density of the hot deformation-induced
ledges onα2/γ interfaces is higher than that of the trans-
formation growth ledges in annealed alloys (the mean
distances between the transformation growth ledges in
theα2/γ interfaces of annealed alloys were 15–30 nm
according to different works [18, 19, 21]). This sug-
gests that more mismatch can be accommodated by the
deformation dislocations in the hot-worked state than
by growth misfit dislocations in the annealed state.

(4) 1/3[111] partial dislocations can be observed at
some ledges inα2/γ interfaces (see Fig. 4).

3.4. Deformation induced misoriented
semi-coherent α2/γ interfaces

Owing to the tetragonality of L10-TiAl phase (c/a ≈
1.02), the〈1̄10] direction in the TiAl phase has been
found to be exactly parallel to the〈112̄0〉 direction
in the Ti3Al phase, but there is a rotation of 0.2–0.3◦
between the corresponding〈1̄01] in TiAl and 〈112̄0〉
in Ti3Al about the [111] direction in the TiAl phase.
The mismatches stemming from the tetragonality of
the TiAl phase and from the difference between the lat-
tice constants of the TiAl and Ti3Al phases result in
the transformation misfit ledges in the coherentα2/γ

interfaces of annealing alloys [21, 30]. In the hot-
deformed Ti-45Al-10Nb alloy, besides the interfaces
with higher density of ledges which are observed in
the last part, there also exists an unique type of misori-
ented semi-coherentα2/γ interface. In these interfaces,
the orientation relationship〈1̄01]γ //〈112̄0〉α2 remains
unchanged, but a misoriented angle between (111)γ

and (0001)α2 planes exists. Fig. 6 shows suchα2/γ

interfaces with three different angles; all these inter-
faces were imaged along the〈1̄01]γ //〈112̄0〉α2 direc-
tions. Figs 7a–c are the local enlargements of inter-
faces in Figs 6a–c respectively. In Figs 6a and 7a, it
is a γC/α2 interface, the orientation relationship be-
tween theγ and theα2 phase is [10̄1]γ //[112̄0]α2 and
(111)γ ∧ (0001)α2 ≈ 2.5◦. Ledges that were two or
three (111)γ or (0001)α2 high were observed and some
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Figure 6 HREM images of the misoriented semi-coherentα2/γ interfaces with different misoriented angle between (111)γ and (0001)α2 planes. (a)
2.5◦, (b) 8.0◦ and (c) 18.5◦.

ledges are indicated by arrows. 1/3[111] partial dis-
locations can be observed at the dislocation ledges in
Fig. 7a. The mean distance of these ledges is about
4.6 nm. Very dark contrast near the ledges reveals that
high stress exist at the dislocation ledges. Figs 6b and
7b show aγD/α2 interface, the orientation relation-
ship betweenγ andα2 phase is [̄101]γ //[112̄0]α2 and
(111)γ ∧ (0001)α2 ≈ 8◦. Ledges that were two or three
(111)γ or (0001)α2 high were observed and some ledges
are indicated by arrows. Also, 1/3[111] partial disloca-
tions can be observed at the ledges (Fig. 7b). The mean
distance of the ledges is about 1.8 nm. The density of
ledges in this interface is higher than that in Fig. 6a and
the stress existing at the ledges in this interface is also
higher than that in Fig. 6a. Figs 6c and 7c show an-
otherγC/α2 interface, the orientation relationship be-
tweenγ andα2 phase is [10̄1]γ //[112̄0]α2 and (111)γ∧
(0001)α2 ≈ 18.5◦, in fact, such an orientation relation-

ship is crystallographically similar to [10̄1]γ //[112̄0]α2
and (1̄11)γ //(11̄00)α2. The interface plane seems flat
and parallel to the (0001)α2 plane (but makes an angle
of 18.5◦ with the (111)γ plane) in a macroscale. Since
the difference between thed(1100)α2 (=0.288 nm) of
the α2 phase and thed(111)γ (=0.231 nm) of theγ
phase is very large, it reaches 20%, and a high density
of interfacial dislocations will be formed in the inter-
face, the formation of these interfacial dislocations can
be considered as introducing an extra half atomic plane
(111)γ on every four to five (111)γ planes. The charac-
teristic of these interfacial dislocations is the 1/3[111]
partial dislocation. Due to the very high stress resulting
from high mismatches, it is very difficult to image the
interface clearly in HREM.

In summary, in the quasi-isothermal forged Ti-45Al-
10Nb alloy, besides the existence of normal coherent
α2/γ interfaces with ledges of two atomic planes which
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Figure 7 (a)–(c) are the enlargements of Figs 6a–c respectively showing the 1/3[111] partials at the ledges.

are always observed in annealed two-phase TiAl alloys,
two types of hot deformation induced specialα2/γ in-
terfaces can also be formed as follows:

(1) coherent interfaces with high density of ledges,
the dislocation ledges containing 1/3[111] partials in
some ledges.

(2) misoriented semi-coherentα2/γ interphase
boundaries, the density of dislocation ledges in these
interfaces increase with the misoriented angle between
the (111)γ and (0001)α2 planes, and 1/3[111] partial
dislocations were involved in all the dislocation ledges.

3.5. Misoriented semi-coherent α2/γ
interface related deformation process

The deformation was mainly concentrated in the
γ lamellae during hot deformation. Extensive twin-
ning and deformation-induced structure transforma-
tions were observed in the microstructure during ele-
vated temperature deformation [37, 38]. Misoriented
semi-coherentα2/γ interfaces which are unique char-
acteristicα2/γ interfaces induced by thermomechani-
cal deformation have been observed to play a very im-
portant role on the deformation mechanism in the hot
deformation of the present alloy.
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Figure 8 HREM image of deformation twins nucleating at a misori-
ented semi-coherentα2/γ interfaces with 2.5◦ misoriented angle be-
tween (111)γ and (0001)α2 planes.

(1) Deformation twins at the misoriented semi-
coherentα2/γ interface.Twinning is well accepted as
a deformation mode inγ (TiAl) during hot-deformation
of two phase alloys. Twins whose twinning plane are
(1̄11)γ planes having an angle of about 70.5◦ with
lamellar interfaces usually nucleated at theα2/γ inter-
face [33]. Fig. 8 demonstrates deformation twins nu-
cleating at a misoriented semi-coherentα2/γ interface
whose misoriented angle between (111)γ and (0001)α2
is about 2.5◦, which is similar to the interface in Fig. 6a.
The arrows designated with 1, 2, 3 and 4 indicate the
twins formed on theα2/γ interface. These twins are nu-
cleated at the ledges of the misoriented semi-coherent
α2/γ interface, for the ledges can accumulate more
stress concentration to favor the nucleation of the twins.

(2) Deformation inducedγ → α2 structure trans-
formation near the misoriented semi-coherentα2/γ

interface.The deformation induced structure transfor-
mation is a common phenomenon in the deformed two-
phase TiAl alloys. Detailed investigations of these de-
formation induced structure transformations (including
γ → 9R, γ → α2 andα2 → γ structure transforma-
tions) have been reported elsewhere [34–37]. Here, only
the deformation inducedγ → α2 structure transforma-

Figure 9 HREM image of the stress-inducedγ → α2 structure transformation near a misoriented semi-coherentα2/γ interface with 2.5◦ misoriented
angle between (111)γ and (0001)α2 planes.

tion near a misoriented semi-coherentα2/γ interface
was demonstrated (in Fig. 9). A deformation induced
α2 phase plate (arrows designated with DI-α2) which
is about 25 nm length and 2.5 nm width is observed in
theγ matrix at the upper side of the misoriented semi-
coherentα2/γ interface. The 1/3[111] partial disloca-
tions at the ledges have been observed to move away
form the interface to theγD matrix. It was suggested that
the occurrence of such deformation inducedγ → α2
structure transformation has relation with the moving
of the interfacial dislocations during hot working [37].

4. Discussion
4.1. Formation of high density of

dislocation ledges in coherent α2/γ
interfaces

In the thermo-equilibrium state, due to the lattice misfit
existing in theα2/γ interface 1/6〈112̄〉 partial disloca-
tions can be introduced in the (111)γ //(0001)α2 inter-
faces. The formation of the ledge structure at theα2/γ

interface is closely related to these misfit dislocations.
During deformation at elevated temperature, the

glide of the high density of mobile interfacial dislo-
cations is a very important deformation mechanism
[13, 16, 47]. Usually, the gliding of interfacial dislo-
cations can be retarded by either intrinsic (e.g. existing
interfacial ledges and kinks, or solutes and precipitates)
or extrinsic (e.g. impinging lattice dislocations) barri-
ers, leading to pile–up configurations. This will increase
the interfacial dislocation density and thus increase the
ledge density on theα2/γ interfaces. A high local stress
can be generated at these intrinsic or extrinsic barriers
as a result of the dislocation pile-up.

On the other hand, moving dislocations in theγ
lamellae may inject to theα2/γ interface and react with
interfacial dislocations or dissociate near theα2/γ in-
terface; it can be considered that theα2/γ can absorb
the slipping dislocations in theγ phase as a dislocation
sink. The possible dislocations which can be formed
at high-temperature deformation are [110], [011̄] and
1/2[112̄] types [12–16]. These dislocations can disso-
ciate according to the following ways on (111) planes
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of TiAl at theα2/γ interface:

1/2[112̄]→ 1/6[112̄]+ 1/6[112̄]+ 1/6[112̄] (1)

1/2[011̄]→ 1/6[1̄21̄]+ 1/6[112̄] (2)

1/2[11̄0]→ 1/6[12̄1]+ 1/6[21̄1̄] (3)

where, SF represents stacking faults. The coherent
α2/γ interface can act as an effective barrier to the
moving dislocations, these dissociated dislocations can
be absorbed by theα2/γ interface. Associated with
the existing 1/6〈112̄〉 partial dislocations, these large
number of 1/6〈112̄〉 partial dislocations result in the
rearrangement of the mismatch interfacial dislocations
to accommodate the new interfacial misfit from defor-
mation strain, then the higher density of ledges can
be formed in the coherentα2/γ interface in the high-
temperature deformation state.

4.2. Formation of 1/3[111] partial
dislocations at α2/γ interfaces

During the deformation of two-phase (γ + α2) al-
loys, the deformation was mainly concentrated on the
γ phases, the moving dislocations can pile-up at the
α2/γ interface. 1/3[111] partial dislocation can be in-
troduced by two possible ways at theα2/γ interface.
One is that the moving 1/2[110] or 1/2[101](1/2[011])
dislocations were absorbed at the interface and disso-
ciated at the interface as follows:

1/2[110]→ 1/3[111]+ 1/6[112̄]

1/2[101]→ 1/3[111]+ 1/6[12̄1]
(4)

The other is that the moving 1/2[110] or 1/2[101]
(1/2[011]) dislocations in theγ phase were hindered
near theα2/γ interface and reacted with 1/6〈112̄〉 par-
tial dislocations at the interface as follows:

1/2[110]+ 1/6[1̄1̄2]→ 1/3[111]

1/2[101]+ 1/6[1̄21̄]→ 1/3[111]
(5)

By these two ways, the 1/3[111] partial dislocations
can be introduced at theα2/γ interface.

Similar 1/3[111] partials were also observed at a
pseudo-twin boundary between two 120◦ rotational
variants in a Ti-48Al-2Cr alloy by Appelet al. [48].
Dislocations of this type are expected to be less effi-
cient in accommodating the rotational misfit and may
represent high energy configurations of the interfacial
dislocation structure. In single phaseγ -TiAl, the total
Burgers vector of ordinary dislocation 1/2〈110], which
is expected to dissociate as: 1/2[1̄10]→ 1/6[2̄11]+
CSF+ 1/6[1̄21̄], is inclined at 60◦ to the line direction
when it was observed along a [1̄01] orientation [49].
In this situation, an extra (̄111̄) half-plane can be ob-
served. Because of the extremely high CSF energy, the
striking characteristic of this dislocation is the compact
nature of the core such that no faulted region is appar-
ent. It is worth noting that in the present observation, the
extra half-plane is along the (111) plane not the (1̄11̄)
plane. This suggests that the extra (111) half-plane at

the ledges on theα2/γ interface observed in this study
is different from the compact 60◦ core structure of the
1/2[110] ordinary dislocation. The reactions (4) and
(5) suggested here are responsible for the formation
of these extra (111) half-planes (1/3[111] partial) at
the ledges on theα2/γ interface. Also, because of the
extremely high CSF (APB+ SISF) energy, the core
structure of the total dislocation resulted from the reac-
tions (4) and (5) is highly compact, and no faulted (also
APB) region is apparent. The compact nature of the
core structure of these dislocations also suggested that
a high Peierls stress must exist for their mixed character.

In fact, Pond [50] also observed the dissociation of
a lattice dislocation in an incoherent twin boundary of
aluminum by reaction (4), and resulting in the forma-
tion of 1/3[111] partial dislocation in an incoherent twin
boundary. Recently, a similar dislocation configuration
was observed in an incoherent twin boundary of alu-
minum by HREM [51], the Burgers vector was iden-
tified as having componentsa/3[111]+ a/6[2̄11] =
a/2[011]. Also, no APBs or faulted region were ob-
served to be attached with the partial dislocations in
these two studies.

As judged from Frank’s rule, the reactions (4) and
(5) are not energetically feasible. However, the high
coherency stresses present at the interfaces may initiate
the reactions and support the absorption of the reactant
dislocations. During deformation at high temperature,
with the help of the thermal activation and the applied
stress the reactions (4) and (5) can easily take place.

4.3. Formation of the misoriented
semi-coherent α2/γ interphase
boundaries

As discussed in the last part, during the deformation of
two-phase (γ + α2) alloys, the 1/3[111] partial dislo-
cation can be introduced either by the dissociation of
1/2〈110〉 dislocations at the interface or by the reac-
tion of 1/2〈110〉 with 1/6〈112̄〉 at the interface. The
characteristics of whole ledge dislocations containing
1/3[111] partial can be characterized as 1/6〈112〉 par-
tial dislocation+1/3[111] partial dislocation.

A glide or climb dislocation associated with a ledge
introduces a displacement parallel or normal respec-
tively, to the interface [52]. Therefore a ledge can move
in an interface by diffusion of atoms across the ledge
together with glide or climb of any associated dislo-
cations. A displacement non-parallel to the interface
plane requires a climb dislocation at the ledge and sub-
sequently the interface is displaced perpendicular to
itself. A ledge which contains a glide dislocation al-
ters only the average orientation of the interface as it
moves whereas a ledge with a climb dislocation alters
the lattice orientation across the interface and the aver-
age interface orientation. In the present case in Figs 6
and 7, 1/3[111] partial dislocations are of climb char-
acter, the observed deviation of the lattice orientation
across the interface obviously comes from these ledges
with climb dislocations (1/3[111] partial dislocations).
The similar deviation of the lattice orientation across
the interface, which resulted from a regular array of
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edge dislocation 1/3[111]fcc at the interface, was ob-
served by Penisson and Regheere [53] at a f.c.c./b.c.c.
interface in an iron-based stainless steel.

In fact, the deviation of the overall habit plane from
(111)γ //(0001)α2 can also be observed (see Fig. 6).
This is because the Burgers vector of the dislocation
associated with the ledge is 1/2[110], and the configu-
ration of the ledge dislocation is the dissociation of this
1/2[110], i.e. 1/2[110]→ 1/3[111]+ 1/6[112̄], the
ledges at the interface contain both climb (1/3[111])
and glide (1/6[112̄]) dislocations, therefore the overall
habit plane from (111)γ //(0001)α2 can be deviated ac-
companied with the deviation of the lattice orientation
across the interface. That means the interface is not a
pure tilt interface. However, considering the deviation
of the overall habit plane from (111)γ //(0001)α2 is
much smaller compared with the deviation of the lattice
orientation across the interface, the interfaces in Fig. 6
can be approximately treated as a pure tilt interface. The
mean separation between dislocations in the boundary
can be calculated according to the 1/3[111] equation:
D = b/2 sin(θ/2) [54]. With b(1/3[111])= 0.231 nm
andθ = 2.51◦, 8.0◦, and 18.5◦, the calculatedD values
equal to 5.29, 1.66, and 0.72 nm respectively, which are
consistent with the measured values.

4.4. Possible roles of α2/γ interfaces on the
deformation of two-phase TiAl alloys

As elucidated in the last three parts, during the defor-
mation at high temperature, the interfacial dislocations
(the ledges) are rearranged by the gliding of the mo-
bile interfacial dislocations and the reaction of lattice
dislocations with the interfacial dislocations to accom-
modate the new interfacial misfit from the deformation
strain. Then both coherent interfaces with high density
of ledges and misoriented semi-coherentα2/γ inter-
faces can be produced. This process can be regarded
as that theα2/γ interface can absorb the moving dis-
locations in theγ phase as a dislocation sink. On the
other hand, the as-received complex interfacial dislo-
cation structures during high temperature deformation
can also play an important role in the deformation pro-
cess in theγ phase lamellae. For example, ordinary dis-
location loops with Burgers vectorb = 1/2〈110] were
observed to emit from the semi-coherent twin-related
γ /γ boundaries, and microtwins were observed to nu-
cleate heterogeneously at misfit interfacial dislocations
[17, 48]. In the present study, formation of deforma-
tion twins and deformation-induced structure transfor-
mation can be observed as an interface-related process
(see Figs 8 and 9). Several mechanisms, such as, ledge
dislocation dissociation mechanism [30], stair-rod
cross-slip reaction mechanism [47] and 1/3[111] par-
tial dissociation (1/3[111] → 1/6[112]+ 1/6[110])
mechanism [48] have been proposed to explain the for-
mation of deformation twins at interface. The occur-
rence of theγ → α2 structure transformation can also
be explained as a result of the movement of the 1/3[111]
interfacial dislocations away from the interface to the
interior of theγ phase lamellae during high temperature
deformation [37]. All these interface-related deforma-

tion process can be regarded as that theα2/γ inter-
face can also emit dislocations as a dislocation source
during high temperature deformation. Thus, the struc-
tural characteristics of theα2/γ lamellar interfaces have
very important effects on the deformation behavior of
two-phase TiAl alloys. Therefore, the modification of
the structural characteristics of theα2/γ lamellar in-
terfaces by thermomechanically processing may result
in the improvement of the mechanical properties of the
two-phase TiAl alloys.

5. Conclusions
The structure modifications onα2/γ interface induced
by deformation in a hot-deformed Ti-45Al-10Nb alloy
were investigated by conventional and high-resolution
transmission electron microscopy.

A new type of dislocation ledge containing 1/3[111]
partials was identified. The Burgers vectors of these
dislocation ledges were determined to be 1/2[110] or
1/2〈101]. 1/3[111] partials can be introduced to the
ledges either by the dissociation of 1/2[110] disloca-
tions at the interface or by the reaction of 1/2[110] with
1/6[1̄1̄2] at the interface.

Two types of hot deformation inducedα2/γ inter-
faces can be formed as follows:

(1) coherent interfaces with high density of ledges,
the dislocation ledges containing 1/3[111] partials in
some ledges.

(2) misoriented semi-coherentα2/γ interphase
boundaries, the density of dislocation ledges in these
interfaces increase with the misoriented angle between
the (111)γ and (0001)α2 planes, and 1/3[111] partial
dislocations were involved in all the dislocation ledges.

The formation mechanism of these deformation-
inducedα2/γ interfaces were suggested as a result of
the gliding of the mobile interfacial dislocations and the
reaction of lattice dislocations with the interfacial dislo-
cations to accommodate the new interfacial misfit from
the deformation strain. This relates to the role ofα2/γ

interfaces adjusting the deformation as a dislocation
sink absorbing the moving dislocations in theγ phase.
Moreover, misoriented semi-coherentα2/γ interface
related deformation twinning and deformation-induced
structure transformation were analyzed and discussed
related to the role ofα2/γ interfaces as a dislocation
source during deformation.

The deformation behavior of two-phase TiAl alloys
are strongly dependent on theα2/γ lamellar interfaces.
Therefore, the modification of the structural charac-
teristics of theα2/γ lamellar interfaces by thermome-
chanically processing may be a possible way for the
improvement of the mechanical properties of the two-
phase TiAl alloys.
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